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Tunable Oxygen Diffusion and Electronic Conduction  
in SrTiO3 by Dislocation-Induced Space Charge Fields
Kiran K. Adepalli, Jing Yang, Joachim Maier,* Harry L. Tuller,* and Bilge Yildiz*

Plastic strain engineering was applied to induce controllable changes in elec-
tronic and oxygen ion conductivity in oxides by orders of magnitude, without 
changing their nominal composition. By using SrTiO3 as a model system of 
technological importance, and by combining electrical and chemical tracer 
diffusion experiments with computational modeling, it is revealed that disloca-
tions alter the equilibrium concentration and distribution of electronic and ionic 
defects. The easier reducibility of the dislocation cores increases the n-type 
conductivity by 50 times at oxygen pressures below 10−5 atm at 650 °C. At 
higher oxygen pressures the p-type conductivity decreases by 50 times and the 
oxygen diffusion coefficient reduces by three orders of magnitude. The strongly 
altered electrical and oxygen diffusion properties in SrTiO3 arise because of the 
existence of overlapping electrostatic fields around the positively charged dis-
location cores. The findings and the approach are broadly important and have 
the potential for significantly impacting the functionalities of electrochemical 
and/or electronic applications such as thin film oxide electronics, memristive 
systems, sensors, micro-solid oxide fuel cells, and catalysts, whose functionali-
ties rely on the concentration and distribution of charged point defects.
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Gd0.1Ce0.9O2−δ/Er2O3,[11] and Nd2NiO4/
YSZ[12] are examples of systems in which 
improved defect transport properties 
are attributed to thin film strain, albeit 
without distinction between the contribu-
tions of elastic strain versus dislocations. 
As initially proposed by Frank and van der 
Merwe,[13] elastic strains resulting from 
larger lattice mismatch between epitaxial 
thin films and substrates are relieved 
plastically by formation of misfit dislo-
cations. The film critical thickness (hc) 
that leads to misfit dislocations, and the 
resulting dislocation density depends on 
misfit strain, elastic properties, and film 
thickness. According to the Matthews and 
Blakeslee[14] model 
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where ε is lattice mismatch, ν is Poisson 
ratio, b is Burgers vector, θ is the angle 

between normal to slip plane and free surface, γ is the angle 
between Burgers vector and dislocation line, and α is core 
energy parameter, all corresponding to the thin film material. 
It is also possible to predict the spacing between misfit disloca-
tions, ddis, or equivalently the dislocation density 1/ddis, as[15]
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where B is the elastic constant given by 2G(1 + ν)/(1 − ν), G 
is the shear modulus, h is the film thickness, E′1 is the coef-
ficient of expansion of the interaction energy and b1 = − b sinθ 
sinγ. Applicability of this theory has been demonstrated for a 
wide range of epitaxial thin film systems,[15] and recent exam-
ples include oxide thin films made of La0.7Sr0.3MnO3 grown 
on LaAlO3.[16] Equations (1) and (2) imply that it is possible to 
periodically arrange dislocations in thin films by exploiting the 
misfit strain, elastic properties, and film thickness between var-
ious combinations of film and substrate materials. While such 
features are widely explored in the semiconductor literature, 
forming and studying dislocations in functional oxide inter-
faces remain under-investigated. Recent interest along these 
lines in the oxide literature include YSZ thin films grown on 
Y2O3,[17] on Gd doped CeO2,[18] or on MgO[3,19] (in the order of 
increasing lattice strain) leading to misfit dislocations in YSZ 
at 12, 7, and 1 nm intervals, respectively. Given this ability to 
achieve a very high density of dislocations, with very small 
separation distance between them, it should be possible to tune 

Tunable Electronics

1. Introduction

The most common way to tune the electrical transport proper-
ties of oxides is by chemical doping. Recent advancements in 
making nanoscale thin films have provided alternative novel 
ways for going beyond bulk material properties, including 
hetero-interfaces.[1–5] Generally in such interfacial systems, 
not only space charge effects[2] but also elastic strain[6–8] can 
serve as a control parameter to tune material properties. Thin 
film or hetero-interface structures made of yttria stabilized 
zirconia (YSZ)/SrTiO3,[3] CeO2,[9] SrZrO3/RE2O3(RE = rare 
earth),[5] La1−xSrxCoO3−δ/SrTiO3,[10] (Nd,Sr)MnO3/SrTiO3,[4] 
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material properties via controlled plastic strain at oxide inter-
faces. Therefore, fundamental understanding of dislocations 
effect on the defect transport in oxides is important.

Dislocations are known to affect material properties and 
have been extensively investigated in metals[20] and semicon-
ductors[21] over decades. However, the role that dislocations 
may play in impacting the chemical and physical properties 
of functional oxides has been under-investigated, in spite of 
their potential impact on the performance of these materials in 
important technologies, including solid oxide fuel cells,[3,17,18] 
catalysts,[22,23] resistive switching memory devices,[24–29] and pho-
toelectrochemistry.[30,31] Our previous work[32–34] has shown that 
the purposeful introduction of dislocations into TiO2 was able 
to tune ionic and electronic conductivity via space charge effects 
(“1D doping”). In the last decade, several works[25,26,35] indicated 
that resistive switching behavior in a prototypical oxide, SrTiO3, 
is associated with dislocations, and some work also suggested 
that pipe diffusion of oxygen along dislocations assist resistive 
switching in this material.[24] Theoretical studies,[36,37] on the 
contrary, showed no possibility of pipe diffusion via dislocations 
in SrTiO3. Recently, we predicted with the aid of atomistic simu-
lations that 〈100〉{011} edge dislocations in SrTiO3 can accumu-
late high concentrations of positively charged oxygen vacancies 
in their core, while at the same time exhibiting lower oxygen 
vacancy mobilities compared to that in the bulk.[36] The slower 
mobility found is consistent with the lack of pipe diffusion 
along another type of edge dislocation in SrTiO3 reported exper-
imentally and computationally.[37,38] We also predicted that the 
space charge zone surrounding the dislocation should exhibit 
a lower concentration of oxygen vacancies due to electrostatic 
repulsion from the core,[36] similar to the space charge regions 
near grain boundaries[39] or surface[40] of SrTiO3. Such depres-
sion of the oxygen vacancy concentration would in turn sup-
press the oxygen diffusion coefficient within the space charge 
zones around the dislocations. There was no prior experimental 
proof for this predicted behavior in SrTiO3. We return to these 
predictions when discussing the experimentally obtained cor-
relations between dislocation density and ionic diffusivity and 
electronic conductivity in single crystalline SrTiO3 in this paper.

To assess the net effect of dislocations on the defect chem-
istry, electronic conductivity, and oxide ion transport properties, 
both the core and the space charge zone around the disloca-
tions must be considered. For this purpose, we took the nomi-
nally undoped (≈50 ppm Fe impurities) SrTiO3 as a model oxide 
system. SrTiO3 is a technologically important oxide, with rel-
evance to a wide range of applications in the fields of oxide elec-
tronics,[41,42] sensors,[43] solid oxide fuel cell cathodes,[44,45] solar 
cells,[46,47] and memristive devices.[27,48,49] The functionality of 
these electrochemical devices is highly dependent on the trans-
port of electronic and ionic defects. Therefore, the bulk defect 
chemistry (of all charged species) of SrTiO3 under equilibrium 
conditions has been extensively studied in the past;[50–54] a sum-
mary of SrTiO3 defect chemistry is provided in the Supporting 
Information. However, the applicability of bulk defect thermo-
dynamics of the material becomes questionable for systems 
with a high density of dislocations. In the present work, we 
plastically deformed SrTiO3 single crystals by an uniaxial hot 
press to create a high density of dislocations, and compared its 
properties with the reference SrTiO3 single crystal.

2. Results

Figure 1a,b shows the two beam diffraction mode bright field 
transmission electron microscope (TEM) images of compressed 
crystals. Dislocations are observed on the {110} plane when the 
electron beam axis is parallel to [001]. These findings agree with 
the slip systems[55,56] in SrTiO3 being the {110}〈101〉. The plasti-
cally deformed samples had dislocation networks extending a 
few microns in length, and the distance between dislocations 
varied between 50–250 nm (Figure 1a,b). Based on several TEM 
images, we calculate the dislocation density to ≈109–1010 cm−2. 
It was difficult to obtain an accurate density measurement due 
to the inhomogeneous distribution of dislocations in the spec-
imen. Dislocations remain unaltered even after an oxidation 
heat treatment at 1200 °C following the hot compression pro-
cess. This indicates dislocations are stable and cannot be anni-
hilated at moderate temperatures, especially in the temperature 
range of 500–700 °C where all the electrical and tracer diffusion 
characterizations were performed in this work. As described 
in the theory section (Section S1 of the Supporting Informa-
tion), the electrical measurements as a function of oxygen par-
tial pressure (pO2) and temperature can be used to interpret the 
defect chemistry of an oxide.

Representative impedance spectra of the nominally undoped 
SrTiO3 single crystals in their as-received state (from here on 
denoted as “pristine specimen or pristine SrTiO3”) and after 
uniaxial hot compression (from here on denoted as “disloca-
tions specimen or dislocations SrTiO3”) are shown in Figure S1 
in the Section S2 of the Supporting Information. Both speci-
mens show a single arc with capacitance values on the order 
of that of the bulk crystal lattice (typically 10−11 F), we observed 
variation in the dielectric constant (Figure S2, Supporting 
Information). Figure 1c shows the pO2 dependence of the elec-
trical conductivity at 650 °C. The electrical conductivity data 
for the pristine SrTiO3, agrees very well with the equilibrium 
bulk defect chemical and electrical conductivity data reported 
by others in the past.[50,53,54,57] The slopes of conductivity versus 
pO2 are +1/4 and −1/4 at high and low pO2, respectively, for 
the pristine specimen as known and expected from the bulk 
defect chemistry of undoped SrTiO3 (see Section S1 in the Sup-
porting Information). The dislocations specimen also shows a 
transition from +1/4 to −1/4 as the pO2 is reduced, but impor-
tantly the extrapolated conductivity minimum shifted by seven 
orders of magnitude toward higher pO2 compared to that of 
the pristine specimen. At high pO2, both specimens exhibit a 
+1/4 slope in conductivity versus pO2, typical characteristics 
of holes according to Equation S12 in the Supporting Infor-
mation. However, the introduction of dislocations has led to 
an overall decrease in p-type conductivity by approximately 
two orders of magnitude. In contrast, at lower pO2, i.e., below 
10−10 atm, the dislocations specimen also has a higher n-type 
conductivity by about two orders of magnitude, and with a −1/4 
slope in conductivity versus pO2, typical characteristics of elec-
trons according to Equation S8 in the Supporting Information. 
At even lower pO2 (<10−15 atm), a transition to a −1/6 slope, 
characteristic of intrinsic electronic compensation (according 
to Equations S3–S5 in the Supporting Information) takes place 
only for the dislocations specimen. The fact that the conduc-
tivity minimum shifted by about seven orders of magnitude to 
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significantly higher pO2 (Figure 1c) in the dislocations spec-
imen is consistent with the reduction in hole concentration at 
the expense of increased electron concentration. This upshift 
in electron density is also consistent with the introduction of 
the regime at lower pO2 that exhibits a −1/6 slope, in agree-
ment with the predictions of Equation S5 (Supporting Informa-
tion) for which the intrinsic reduction reaction is dominant. 
The same −1/6 slope behavior was also observed by Moos and 

Hardtl[53] and Choi and Tuller[57] for single crystal bulk SrTiO3, 
but at much higher temperature (>1000 °C) and lower pO2 
values (<10−15 bar). Under very low pO2, a high concentration of 
electrons could lead to an inversion layer (i.e., the concentration 
of electrons exceeding the concentration of oxygen vacancies 
close to the dislocations), for example see Table 1 in ref. [58]. 
Such an inversion layer leads to a weaker pO2 dependence of 
conductivity in space charge regions, for instance, when the 
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Figure 1. Effect of dislocations on SrTiO3 defect chemistry. a,b) Bright field TEM image of compressed SrTiO3 single crystal, specimens prepared from 
two different locations, with beam axis parallel to [001]. c) Electrical conductivity measured at 650 °C as a function of oxygen partial pressure, pO2. 
d) Electrical conductivity as a function of temperature at two different high pO2 conditions (1 atm and 10−5 atm). “I” and “II” represent two data sets 
from the low and high temperature measurements performed in two different setups. d) Electrical conductivity as a function of temperature at a low 
pO2 with pH2/pH2O = 0.1. In panels (c)–(e), pristine represents the undeformed single crystal SrTiO3, and dislocations represents the SrTiO3 plastically 
deformed in hot uniaxial compression to form a high density of dislocations as shown in panels (a) and (b).

Table 1. Summary of activation energies and bandgap for the pristine and the dislocations SrTiO3. ΔHred: enthalpy of reduction; ΔHox: enthalpy of 
oxidation (oxygen incorporation); Ea,e: activation energy for electron conduction; Ea,h: activation energy for hole conduction; and Eg: bandgap energy 
calculated from enthalpy of oxidation and reduction, Eg = (ΔHred + ΔHox)/2.

Sample Ea,h  
[eV]

ΔHox  
[eV]

Ea,e  
[eV]

ΔHred  
[eV]

Eg  
[eV]

Pristine 0.48 0.96 1.23 5.62 3.29

Dislocations 1.40 2.80 1.10 4.58 3.49

Literature[51,53,57,60] 0.4−0.8 0.8−1.6 0.9−1.2 5.2−6.3 3.0−3.4
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bulk conductivity shows −1/4 slope with pO2, the space charge 
region conductivity shows a weaker −1/8 slope. This could be 
a reason to observe a weak pO2 dependence of electron con-
ductivity (n-type, −1/6 slope in Figure 1c) in the dislocations 
specimen. A similar observation was also shown in the surface 
space charge dominated SrTiO3 thin films.[59] Alternatively, a 
transition from space charge controlled to the bulk situation is 
possible under decreased Debye length at very low pO2. In such 
case, the interpretation in terms of intrinsic electronic compen-
sation (see Equations S3–S5 in the Supporting Information) 
can be assumed to be correct.

The temperature dependence of the electrical conduc-
tivities measured for both the pristine and the dislocations 
specimens at 1 and 10−5 atm, are reported in Figure 1d. The 
pristine specimen exhibited activation energies of 0.48 ± 0.03 
and 0.54 ± 0.02 eV at 1 atm and 10−5 atm, respectively. The 
dislocations specimen exhibited considerably larger activa-
tion energies of 1.40 ± 0.01 and 1.33 ± 0.02 eV at 1 atm and 
10−5 atm, respectively. To investigate whether the unusual 
electrical properties of the dislocations specimen were due to 
a nonequilibrated (frozen-in) point defect concentration and 
distribution, the conductivity measurements were also done at 
higher temperatures, up to 1280 °C in a high temperature setup 
(labeled as data set II in Figure 1d). No crossover to properties 
characteristic of the pristine SrTiO3 specimen was observed, 
suggesting that the modified defect chemistry and electrical 
properties were not due to nonequilibrated (frozen) point 
defects, but rather to persistent dislocations influencing charge 
carrier density and transport. Temperature-dependent results 
measured under considerably more reducing conditions estab-
lished by use of a hydrogen–water buffer mixture of pH2/pH2O 
= 0.1, are reported in Figure 1e. Under these reducing condi-
tions, the pristine and dislocations specimens exhibited activa-
tion energies of 1.23 ± 0.04 and 1.10 ± 0.01 eV, respectively. In 
contrast to the higher pO2 data reported in Figure 1d, here the 
dislocation specimen shows the higher conductivity, consistent 
with the behavior shown in Figure 1c, but with no significant 
change in activation energy.

The measured activation energies characterizing the electrical 
conductivity in the pristine and the dislocations SrTiO3 speci-
mens provide further insights into how the dislocations alter 
the defect formation and transport enthalpies. The reduction 
and oxidation enthalpies (Equations S2 and S10, respectively), 
as well as the calculated bandgap (Equation S14, Supporting 
Information) for both samples are summarized in Table 1. For 
the dislocations specimen, the electrical conductivity data and 
the calculated enthalpy values are only effective or mean values, 
given that the crystal is inhomogeneous because of the presence 
of dislocations (see, Figure 1a,b). The enthalpy of reduction was 
derived from Equation S4 (Supporting Information) for the dis-
locations specimen and from Equation S7 (Supporting Infor-
mation) for the pristine sample at constant pH2O/pH2 instead 
of constant pO2 by using the relations given in Equations S16 
and S17 (Supporting Information). The enthalpies of oxidation 
and reduction and the bandgap values derived for the pristine 
specimen are in agreement with previous reports. For the dis-
locations specimen, however, we see a significant decrease in 
(apparent) reduction enthalpy and an increase in (apparent) oxi-
dation enthalpy and bandgap energy. Typically, electrons follow 

a −1/6 slope[50,53,54] only at higher temperatures (>1000 °C) and 
very low pO2 (<10−15 atm) in bulk single crystal SrTiO3. Recent 
theoretical calculations[9,36,61] in SrTiO3 and CeO2 revealed that 
dislocation cores reduce the OV ⋅⋅  formation energy. That predic-
tion is consistent with our experimental observation here, and 
this is the likely reason for the appearance of the −1/6 slope 
and the shift to higher pO2 for the conductivity minimum in 
the dislocations SrTiO3 specimen. Finally, the much increased 
value of the activation energy for hole conduction for the dislo-
cations SrTiO3 of Ea,h ≈ 1.4 eV. This value is similar to activa-
tion barriers characterized by transport in space charge zones 
as observed around grain boundaries in mico or nanocrystal-
line SrTiO3.[41,52,62,63] For the case of dislocations as studied 
here, the high activation energy of hole conduction is likewise 
attributed to space charge zones, as discussed below.

To confirm that the above-presented modified defect chem-
istry of SrTiO3 is largely due to dislocations, we annihilated[55] 
the dislocations by annealing the dislocations specimen at 
1400 °C for 12 h in air. Based on the above analysis, annihi-
lation of dislocations should give rise to the recovery of the 
SrTiO3 bulk defect chemistry. Figure 2a, indeed confirms that 
the electrical properties of the annealed dislocations specimen 
(labeled as dislocations-anneal) is nearly identical to that of 
pristine SrTiO3. Likewise, only minor changes in activation 
energy between these two samples at high as well as at low pO2, 
as shown in Figure 2b were observed. This confirms that the 
modified defect chemistry of the dislocations specimen is due 
to dislocations induced by plastic deformation.

The significant changes in the point defect equilibria 
revealed by electrical measurements above can be expected to 
have a strong impact on the oxide ion diffusion kinetics as well. 
Figure 3a shows the normalized 18O concentration measured 
by secondary ion mass spectroscopy (SIMS) as a function of 
penetration depth after 18O exchange and diffusion at 600 °C 
and 0.5 bar pO2 for 24 h. These profiles reveal markedly lower 
isotope penetration depths, i.e., a significantly lower oxygen ion 
diffusion coefficient for the dislocations compared to the pris-
tine SrTiO3. This finding may seem counterintuitive due to the 
common belief that pipe diffusion of atoms along dislocations 
in metals are often found to be orders of magnitude greater 
than in dislocation-free specimens. As explained below, the key 
difference between the diffusion trends observed here com-
pared to those in metals are the electrostatic interactions that 
exist between oxygen vacancies and charged dislocation cores 
in SrTiO3 missing in metallic systems.

3. Discussion

In SrTiO3, extended defects such as surfaces[37,40,64,65] and grain 
boundaries[41,63,65,66] are net positively charged due to preferen-
tial formation (low formation energy) of oxygen vacancies, OV ⋅⋅ 
(in Kroeger–Vink notation[67]). To maintain electroneutrality 
in the oxide overall, the excess positive charge at the extended 
defect core is electrostatically compensated by depletion of 
positively charged point defects and enrichment of negatively 
charged point defects, forming a space charge region adjacent 
to the defect core. This description is consistent with our 
recent atomistic computations[36] that predicted oxygen vacancy 
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enrichment at the dislocation core, and oxygen vacancy deple-
tion within the space charge zone surrounding edge disloca-
tions in SrTiO3. The width of the space charge region, also 
known as the Mott–Schottky length (λ∗), depends on the elec-
trostatic potential, dopant concentration, and temperature as 
previously described.[52] Based on the Fe impurity concentra-
tion found in the SrTiO3 studied in this work and typical space 
charge potentials on the order of 0.2–0.4 V at 600 °C, reported 
to exist at SrTiO3 boundaries,[52] the Mott–Schottky length in 
SrTiO3 is calculated to be 70–100 nm. Dislocations that are 
closer than 200 nm (or dislocation density >109 cm−2) apart 
should therefore have overlapping space charge regions. TEM 
images of our dislocations specimen (Figure 1b) show disloca-
tions separated by 50–200 nm (and several dislocation networks 
with less than 50 nm spacing). Thus, in this sample, the space 
charge zones can be expected to overlap, leaving no bulk region 
within the sample unaffected (as shown numerically below in 
Figure 3). It is worth noting that this behavior is very similar to 
the mesoscopic situation of nanocrystalline SrTiO3.[63]

Going back to Figure 3a, we see evidence for the 18O diffu-
sion profiles of both the pristine and the dislocations SrTiO3 
being influenced by space charge effects. This becomes evi-
dent for the pristine specimen, but only just adjacent to the 
surface. Surface space charge layers are known to slow oxygen 
ion diffusion in SrTiO3 due to OV ⋅⋅  depletion just beneath the 
surface.[37,64,65] This is reflected by the two distinct slopes[64,65] 
evident in the 18O profile for the pristine specimen shown in 
Figure 3a—a slower oxide ion diffusion regime with a small iso-
tope penetration depth near the surface within the space charge 
region, labeled regime-I, and the deeper fast oxide ion diffu-
sion regime due to bulk diffusion, labeled regime-II. Interest-
ingly, the dislocations SrTiO3 specimen show only a regime-I.  
This behavior demonstrates that the dislocations SrTiO3 con-
sists of overlapping space charge regions, thereby eliminating 
the bulk component of the diffusion profile in Figure 3a. To 
quantitatively analyze the 18O diffusion profiles under the effect 
of space charge regions, we have simulated the isotope profiles 
using COMSOL Multiphysics. The model considers a disloca-
tion grid with 50 nm periodicity. Since this distance is shorter 

than twice the Mott–Schottky length in SrTiO3 (140–200 nm), 
this model mimics the space charge overlap situation (see the 
Experimental Section and Section S3 (Supporting Information) 
for model details and the simulation procedure). The simulated 
diffusion profiles are in agreement with the experimental data, 
as seen in Figure 3a. The simulated 2D spatial profiles of the 
space charge potential (φ), oxygen vacancy concentration ([ ]OV ⋅⋅ ),  
and oxygen tracer diffusion ( O

*D ) along the isotope penetra-
tion depth (plane vertical to the surface) in the pristine and 
dislocations specimens are shown in Figure 3b–d and a brief 
summary of quantitative results are shown in Table S1 in the 
Supporting Information. As expected, these profiles are highly 
heterogeneous within the bulk of the dislocations SrTiO3. Also, 
importantly, the profiles in Figure 3b–d confirm the space 
charge regions around the dislocations overlap within the 
dislocations specimen, completely changing the bulk behavior 
of SrTiO3.

Given that the electrostatic potential distribution does not 
reach 0 V anywhere within the bulk of the dislocations SrTiO3 
(Figure 3b), this in turn leads to a significant depletion in 
oxygen vacancy concentration (and therefore, O

*D ) everywhere 
within the dislocations SrTiO3. The value for O

*D  (shown in 
Figure 3d) derived here for pristine SrTiO3 (bulk diffusion) is 
3 × 10−18 m2 s−1, comparable to O

*D  values reported in the lit-
erature[68–70] for SrTiO3 single crystals with oxygen diffusivities 
characterized by higher oxygen vacancy migration energies, 
i.e., 0.9–1 eV. Impurity–vacancy association (especially with 
Fe impurities, as the case in our samples)[40,71,72] are known to 
lead to higher effective migration enthalpies. O

*D  in the dislo-
cations SrTiO3 varies exponentially with distance between the  
dislocations, i.e., 3 × 10−22 m2 s−1 in very close vicinity of the 
dislocations and 3 × 10−19 m2 s−1 between the dislocations  
(see Figure 3d). The experimental 18O profiles (Figure 3a) arise 
from an area-averaging across the xy planes sputtered during 
depth profiling, with no lateral spatial resolution. Therefore, we 
average the simulated O

*D  in a similar fashion over the xy plane 
for the dislocations SrTiO3 (see Figure S3 in the Supporting 
Information), providing a simpler comparison with the pristine 
specimen. These area-averaged profiles are also those shown 
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Figure 2. Annihilation of dislocations. a) Electrical conductivity as a function of oxygen partial pressure at 650 °C and b) as a function of reciprocal tem-
perature with corresponding activation energies noted at high and low pO2, for the pristine and the dislocations-anneal specimens. The dislocations-
anneal corresponds to the state after annealing of the dislocations SrTiO3 crystal at 1400 °C for 12 h in air.
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as the simulated data in Figure 3a. The area-averaged O
*D  is 

approximately three orders of magnitude lower (3 × 10−21 m2 s−1 
at a penetration depth of ≈25 nm) in the dislocations SrTiO3 
compared to that in the pristine specimen (3 × 10−18 m2 s−1) at 
600 °C. In this analysis, we have ignored the contribution of the 
dislocation cores to diffusion. Recently, we[36] and others[37,38] 
have shown by atomistic simulations that dislocation cores 
(with ≈1 nm cross sections) provide either no acceleration or 

only a few times higher O
*D  than the bulk of SrTiO3. Given 

their very small volume (≈1 nm diameter) and higher migration 
barrier for oxygen vacancies, the effect of dislocation cores on 
oxygen diffusion is negligible compared to the large decrease 
of oxygen vacancy concentration within the much wider space 
charge regions. This is also consistent with there being no net 
pipe diffusion of oxygen along dislocations in SrTiO3, as dis-
cussed above. Although the oxygen diffusion experiments were 

Adv. Funct. Mater. 2017, 1700243

Figure 3. Effect of dislocation space charge regions on the oxygen diffusion in SrTiO3. a) Experimental 18O isotope depth profiles for the pristine 
(solid squares) and dislocations (solid circles) SrTiO3 after 18O exchange at 600 °C and 0.5 bar pO2 for 24 h. The inset shows the initial steep drop in 
18O concentration (regime-I) due to surface space charge regions followed by the bulk diffusion (regime-II). Dislocations SrTiO3 exhibits only regime-
I, indicating overlapped space charge regions without any unaffected bulk medium. The simulated isotope profile (solid lines) is obtained by solving 
the Poisson–Boltzmann equation combined with the time-dependent diffusion equation, resulting in a space charge potential at the dislocation core, 

dis
oφ  = 0.34 V, and a surface exchange coefficient, s

*k  = 1.5 × 10−11 cm s−1. The 3D model for the dislocations SrTiO3 specimen consists of a periodic 
arrangement of dislocations at 50 nm spacing extending from the surface (at z = 0 nm) into the bulk. Computed distribution of the b)electrostatic 
potential (φ), c) oxygen vacancy concentration ( OV ⋅⋅), and d) oxygen tracer diffusion coefficient ( O

*D ) on the yz plane (perpendicular to the surface) in 
the pristine and dislocations SrTiO3.
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performed at the high pO2 regime, we believe pipe diffusion 
will not be an outcome even under a strongly reducing atmos-
phere (pO2 < 10−15 bar). The core charge should remain positive 
(with a weak dependence on pO2

[73]) because it is a result of a 
strong structural driving force and any variation due to redox 
reactions (by varying pO2) is comparatively small. The weak 
pO2 dependence of the core charge means a comparable oxygen 
vacancy concentration exists at the core both at low and at high 
pO2, but the mobility remains low as we reported earlier. At the 
same time, the increase of vacancy concentration in the bulk 
with reducing pO2 is expected to be more significant than at the 
core. The presence of a positively charged core would continue 
to result in a space charge zone depleted in oxygen vacancies, 
effectively reducing the oxygen diffusion coefficient, including 
the low pO2 regime.

We note that it is possible to obtain similar diffusion pro-
files when simulating the case of a higher surface potential (see 
Figure S5 in the Supporting Information) even in the absense 
of dislocations that penetrate into the specimen. However, 
this interpretation does not explain the reasons for the (hole) 
conductivity drop at high pO2 (Figure 1c). Based on the high 
temperature compression of single crystals, TEM analysis, 
and electrical conductivity measurements; a consistent picture 
close to the experimental results is only obtained by simulating 
overlapping space charge regions by closely spaced dislocations 
extending in to the bulk (Figure 3b).

The space charge model and analysis presented in this study 
offer a self consistent analytical picture capable of describing 
our independently obtained electrical conductivity and 18O dif-
fusion measurements. The reduction in oxygen ion diffusivity 
and in p-type conductivity, both dependent on the concentration 
of positively charged species (oxygen vacancies (Figure 3c,d) 
and holes (Figure 1c,d), respectively), and the increase in n-type 
conductivity dependent on negatively charged species (i.e., 
electrons (Figure 1c,e)) are well explained by the space charge 
regions formed in response to the positively charged disloca-
tions in SrTiO3.

As a result, the changes in the electronic charge carrier den-
sity decreased the p-type conductivity by approximately a factor 
of 50, increased the n-type conductivity (for data following the 
−1/4 slope) by the same factor of 50, and shifted the extrapo-
lated conductivity minimum to higher pO2 by seven orders of 
magnitude (Figure 1c, see Supporting Information section S.7 
for additional sidenotes on the conductivity flattening at inter-
mediate pO2). Based on Equation S2 (Supporting Information), 
it is clear that an increase in electron concentration by a factor 
of 10 should result in a decrease in oxygen vacancy concen-
tration by a factor of 100. Based on the measured decrease in 
oxygen diffusion, the doubly positive charged OV ⋅⋅  concentra-
tion averaged over x–y plane (Figure S3, Supporting Informa-
tion) was reduced by approximately three orders of magnitude 
upon the introduction of dislocations (Figure 3c). Slow mobility 
of oxide ions along dislocation cores, combined with the sig-
nificantly reduced concentration of oxygen vacancies within 
the extended space charge zones, slows down oxygen diffu-
sion within SrTiO3, and the space charge zone is the dominant 
factor due to its larger volume fraction than the dislocation core. 
The reduction in the OV ⋅⋅  concentration is close to the expected 
decrease by 3.6 orders (p-type conductivity decreased by 1.8 

orders magnitude at 600 °C, Figure 1d) of magnitude based 
on Equation S2 (Supporting Information). Hence, utilizing the 
electrical data to derive the effective space charge potential gave 
a consistent result with that obtained from the diffusion profile 
(see Figure S6 in Section S7 in the Supporting Information).

4. Conclusions

In summary, these findings have profound implications for 
the properties of functional oxides. Together with recent 
results[32,33] on TiO2, our results demonstrate that the introduc-
tion of 1D extended defects can markedly modify the defect, 
electrical, and transport properties of functional oxides, without 
changing their nominal chemical composition. Indeed, these 
two studies show the critical importance of the dislocation 
core polarity on the defect and transport properties. While the 
negative dislocation core charge in TiO2 resulted in marked 
enhancements in ionic conductivity due to positively charged 
titanium interstitials as well as more modest increases in 
p-type conductivity,[32–34] on the contrary, the positive disloca-
tion core charge in SrTiO3, as determined in this study resulted 
in quite the opposite effect, leading to markedly reduced ionic 
conductivity due to positively charged oxygen vacancies and 
more modest reductions in p-type conductivity. Furthermore, 
while the dislocation cores themselves are locally confined to 
the sub-nanometer dimensions, the excess charge at the core 
results in electrostatic effects that can extend tens to hundreds 
of nanometers, thereby altering the properties of a large frac-
tion of the bulk of the material. Control of dislocation density 
in thin oxide films (as described in the Introduction) can pave 
the way for a new approach for tuning of functional oxides. 
This approach can be viewed as plastic strain engineering for 
altering the macroscopic properties of oxides, akin to the recent 
developments in elastic strain engineering,[6,7] and alternative 
to the existing chemical doping methods. Plastic strain engi-
neering in oxides that form extended space charge regions 
has the potential for significantly affecting the point-defect-
dependent functionalities in electrochemical and/or electronic 
applications such as thin film oxide electronics, memristive sys-
tems, sensors, and microsolid oxide fuel cells.

5. Experimental Section
Dislocations Generation and Characterization: Dislocations were created 

by a hot uniaxial compression (field assisted hot press) of nominally 
undoped SrTiO3 single crystal substrates along [001] (5 × 5 × 1 mm3, 
MTI, California and Crystec GMBH Germany) contained in a graphite 
mold with SiC spacers under inert atmosphere. Soft graphite sheets 
were used to avoid friction between spacers and the crystal, as well as to 
obtain uniform stress across the crystal surface. One set of samples was 
prepared from the crystals compressed at Max Planck Institute, Stuttgart 
at 1400 °C and 40 MPa for 5 min., and these samples were used for 
the TEM and SIMS experiments. One set of samples was prepared at 
Harvard University, USA, at a slightly lower temperature, i.e., at 1200 °C 
(due to experimental limitations with the hot press), and at 40 MPa 
for 5 min. This sample was used for electrical characterization. The 
elastic modulus of SrTiO3 varies with temperature only to a small extent 
with temperature relevant to hot compression; previous studies (both 
experimental[74] as well as computational[75]) showed ≈7% variation in 
the elastic modulus with 200 °C variation in temperature. Therefore, the 
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two samples used, respectively, for TEM and SIMS, and for electrical 
measurements are expected to have comparable dislocation densities, 
even though a different distribution cannot be excluded. All samples, 
including pristine samples, were equilibrated in air at 1200 °C for 5 h 
prior to compression as well as after to reoxidize and re-equilibrate the 
point defects. The samples were characterized with a Philips CM 200 
TEM with a point-to-point resolution of 2.7 Å for viewing dislocations.

Electrical Characterization: The defect chemistry of SrTiO3 is 
investigated by measuring its electrical properties as a function of 
oxygen partial pressure (pO2) and temperature. The specimens were 
electroded by applying Pt paste as current collecting electrodes. A wide 
range of pO2 was achieved by mixing O2/Ar, CO/CO2, and H2/H2O in 
appropriate ratios. A home-built zirconia based pO2 sensor was placed 
close to the sample to measure the pO2. A Solartron 1260 impedance 
analyzer was used for collecting impedance data between frequencies 
1MHz to 100 mHz. The sample resistance and capacitance data were 
obtained by fitting the impedance data to an equivalent circuit with the 
aid of ZView software from Scribner Associates Inc.

Oxygen Isotope Experiments: Oxygen isotope (18O) exchange was 
performed for both samples in a quartz chamber. The samples were 
subjected to preannealing in 0.5 bar oxygen (16O) atmosphere at 
600 °C for 240 h prior to 18O anneal for 24 h, according to Fielitz and 
Borchardt[76] The samples were heated and quenched rapidly between 
16O/18O exchanges by a movable furnace to minimize transient diffusion 
during cooling/heating. To obtain similar thermal history, samples were 
annealed at 1000 °C for 5 h prior to isotope exchange. The crystal surface 
is not chemically treated, as it is known that surface reconstruction 
(or preferential termination) strongly influences the surface dislocation 
density as well as oxygen incorporation kinetics. The isotope depth 
profiles were analyzed by time of flight secondary ion mass spectroscopy 
(ToF-SIMS, IONTOF GmbH, Germany).

Numerical Simulations: Numerical simulations of the isotope profiles 
from tracer diffusion experiments were performed with COMSOL 
Multiphysics software. The Poisson–Boltzmann equation, combined 
with the time-dependent diffusion equation was solved as described 
in the literature,[38,64] to obtain the spatially dependent profiles of the 
electrostatic potential, the oxygen vacancy concentration, and the oxygen 
tracer diffusion in the space charge and the bulk regions of the 
specimen. To mimic the experimental conditions of the space charge 
overlap in the specimen with dislocations, the dislocation space charge 
zones with radial geometry around dislocation cores have been modeled 
with 50 and 100 nm grid periodicity (see Figure S4 in Section 5 in the 
Supporting Information for results of the 100 nm periodicity) at the 
surface (xy plane) and in the bulk (z direction). The pristine specimen 
is simplified to a 1D model which is homogeneous on the xy plane with 
only a surface space charge potential. More details of the model are 
provided in Section S3 in the the Supporting Information.

Supporting Information
Supporting Information is available from the Wiley Online Library or 
from the author.
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