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Solid oxide fuel cells are of technological interest as they offer high efficiency for energy conversion in

a clean way. Understanding fundamental aspects of oxygen self-diffusion in solid state ionic systems is

important for the discovery of next-generation electrolyte and cathode material compositions and

microstructures that can enable the operation of SOFCs at lower temperatures more efficiently,

durably, and economically. In the present perspective article, we illustrate the important role of

modelling and simulations in providing direct atomic scale insights on the oxygen ion transport

mechanisms and conduction properties in the cathode and electrolyte materials, and in accelerating the

progress from old materials to new concepts. We first summarize the ionic transport mechanisms in the

traditional cathode and electrolyte materials which have been widely studied. We then pay our

attention to the non-traditional materials and their oxygen transport paths from recent studies,

focusing on structural and transport anisotropy and lattice dynamics. Lastly, we highlight the new

developments in the potential to increase the ionic conductivity of the traditional materials through

external mechanical stimuli, bringing about the mechano-chemical coupling to drive fast ionic

transport.
1. Introduction

The interest in Solid Oxide Fuel Cell (SOFC) technology is driven

by their potential for high efficiency energy conversion with

reduced emission of green house gases compared to other more

conventional power generation routes.1,2 At the present high
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Broader context

Advances in the field of solid state ionics for energy conversion a

sustainable sources of energy. In this framework high temperature

a crucial role to play in decarbonising the future energy mix. Current

operate in the intermediate temperature range (500–700 �C). To ach

electrolyte of the solid oxide fuel cell needs to be enhanced. This

providing fundamental insights into the oxygen migration mechanis

and lattice strain.
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operating temperatures (up to 1000 �C), SOFCs operate with

hydrogen as well as existing fossil fuels and efficiently convert

chemical energy to electricity, and vice versa. They are also used in

combined heat and power applications.3–5 These high operating

temperatures, however, lead to high costs mainly due to materials

challenges in thermal cycling, chemical and microstructure

degradation, and expensive constituents in interconnects and heat

exchangers.3 A way to address these challenges is by lowering the

operating temperatures of SOFCs to the intermediate tempera-

ture range (500–700 �C). The reduction in temperature is, on the

other hand, accompanied by an increase in the losses for reaction

and transport kinetics in all layers of the cell. Of particular

concern are the cathode and electrolyte which have major

contributions to the inefficiencies at low temperatures. There is

thus a need to search for new classes ofmaterials that canmaintain

high rates of oxygen transport even at reduced temperatures.
re necessary to address the challenge of attaining cleaner and

electrochemical devices based on ceramic oxide materials have

targets of cost and durability necessitate solid oxide fuel cells to

ieve these targets oxygen diffusion in both the cathode and the

feature article illustrates the role of atomic scale modelling in

m and how it is affected by the structure, oxygen stoichiometry,
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The key to enable such intermediate temperature range of

operation is to accelerate the oxygen reduction reaction in the

cathode and the oxygen transport in the cathode and electrolyte.

At a high level, the overall reactions involving oxygen are:

1

2
O2ðgÞ þ 2e�ðcathodeÞ4O2�

ðcathode surfaceÞ

O2�
ðcathode surfaceÞ4O2�

ðcathode bulkÞ

O2�
ðcathode bulkÞ4O2�

ðelectrolyteÞ

(1)

The first reaction stands for the reduction of oxygen on the

cathode surface, the second reaction represent diffusion of

oxygen into the cathode, and the third reaction represents

transfer of oxygen from the cathode to the electrolyte in which

the oxygen ion proceeds to diffuse. As one or more of the

reactions involved in eqn (1) have high activation energies,

a reduction of the operating temperature leads to significant

electrical energy losses. Traditional cathodes such as

La1�xSrxMnO3�d, which are good electronic conductors are no

longer appropriate alone due to their poor bulk ionic conduc-

tivity, whereas mixed ionic-electronic conductors (MIEC) have

been considered a viable solution.6 Adler et al.7,8 demonstrated

that the oxygen reduction reaction in MIEC electrodes is

governed by the oxygen surface exchange and the oxygen

diffusion.

Electrolytes for SOFCs also should exhibit high ionic

conductivity, however, combined with low electronic conduc-

tivity. Other requirements for the electrolyte of SOFCs are

stability under both oxidation and reduction conditions, long

term chemical stability and mechanical compatibility with the

electrode materials.3

The oxygen transport properties at the cathode and electrolyte

materials are not only of technological interest as noted above,

but also of fundamental importance.9–20 The energetics of oxygen

transport in these oxides are affected by the material structure,

composition, oxygen stoichiometry, doping and elastic strain,
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which comprise a wide range of parameter space in optimizing

the transport properties. In combination with validation and

verification experiments, predictive computational materials

approaches provide a rational and efficient materials design

route for fast oxygen ion conduction in SOFC materials. Espe-

cially the simulations at the electronic and atomic scale offer the

opportunity to gain detailed insight for the formation and

transport of charged defects in a wide variety of inorganic

materials,21–27 and thus, the capacity to control their properties.

In this perspective article, we focus on the oxygen diffusion

mechanisms and energy barriers of a subset of contemporary

cathode and electrolyte materials; pushing the topic from old

materials to new concepts. The experimentally demonstrated

conductivities of the new concepts in comparison to the tradi-

tional electrolyte and electrode materials are shown in Fig. 1. The

superior transport in these new materials/structures, and the

capability to identify the governing transport mechanisms in

themmake the basis for the motivation of this perspective article.

The emphasis is on recent mechanistic insights from computa-

tional modelling at the electronic- and atomistic scales. A

common theme among the new materials reviewed here is the

anisotropy of the structure and/or the preferred migration path,

and the role of the flexibility and dynamics of polyhedral

structures surrounding the ion conduction path. Whenever

possible the predictions are discussed in view of experimental

investigations.

The article is structured as follows. First, we briefly describe

the application of these materials, diffusion mechanisms and the

relevant computational methodologies. Thereafter, we discuss in

detail the cathode materials emphasizing the recent molecular

dynamics (MD) studies, focusing on the layered and anisotropic

classes of materials; Ruddlesden-Popper series and double

perovskites such as GdBaCo2O5+d which have recently become

of high interest.9–20 This is followed by the discussion of the

electrolyte materials and structures, ranging from a brief over-

view of the traditional cubic-like-symmetry isotropic systems, the
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Fig. 1 Arrhenius plots of (a) measured oxygen tracer diffusivity for different oxide cathodes: La0.8Sr0.2MnO3�d (LSM, ref. 29), La0.5Sr0.5CoO3�d

(LSC05, ref. 29), La0.8Sr0.2CoO3�d (LSC08, ref. 29), GaBaCo2O5+d (GBCO, ref. 17), La2Ni2O4+d (LNO, ref. 30), and (b) measured oxide ionic

conductivity for different oxide electrolytes: ZrO2:Y2O3 (YSZ, ref. 31), CeO2: Gd2O3 (CGO, ref. 31), La0.9Sr0.1Ga0.9Mg0.1O3�d (LSGM, ref. 32),

BaInO2.5 (ref. 33), La10Si6O27 (ref. 34), strained YSZ over single crystals of MgO (ref. 35) or between single crystal layers of SrTiO3 (ref. 36). We note

that the conductivity reported for the YSZ/STO system (ref. 36) has not been conclusively confirmed or disproved to be fully ionic conductivity at this

time.
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yttria-stabilized zirconia (YSZ) and La1�xSrxGa1�yMgyO3

(LSGM), to the non-cubic systems as the Brownmillerites and

Apatites where the effect of anisotropy and lattice dynamics are

highlighted, and lastly back to the traditional systems where the

effect of lattice strain is highlighted in potentially accelerating the

oxygen transport kinetics. Finally, we conclude and present an

outlook for the future in search for new classes of cathode and

electrolyte materials for SOFCs. This feature article is not

a comprehensive review of all possible cathode and electrolyte

materials. There are other relevant comprehensive reviews of

related materials covering a wider spectrum of properties of

technological and fundamental importance.28–46 The references

and discussions herein are selected to guide the readers towards
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the direct atomistic insights gained from simulations in this

context. The capability to assess the ionic transport mechanisms

and energetics directly from the electronic- and atomic-scale

description of such oxide ion systems is of both scientific and

industrial importance in discovering new compositions and

structures for SOFCs.

2. Applications

High temperature electrochemical devices based on solid oxide

materials have a vital role to play in decarbonising the future

energy mix. This ranges from their use in SOFCs, Solid Oxide

Electrolysis Cells (SOECs) and in clean energy related processes

such as oxygen separation membranes for Carbon Capture and
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Storage (CCS) systems. In all the three applications mentioned

above key components of the devices are the mixed conducting

oxide materials, the cathode for the SOFC, the anode for the

SOEC and the active membrane in the oxygen separator. For

example it is well established that for the SOFC to meet current

targets of cost and durability, operation in the intermediate

temperature range (500–700 �C) is a particularly attractive

development. It is also well established that in this temperature

range (and below) the cathode provides the greatest source of

losses, followed by the electrolyte, due to the high polarisation

resistances found for most materials in current use. It is thus of

paramount practical importance to gain insights into the mech-

anisms of migration of oxygen in a range of structures and

compositions, and in particular to identify any trends that might

occur, to optimise oxygen transport (for example by modifying

the oxygen stoichiometry, composition and cation disorder) in

mixed conductors and ionic conductors for SOFC cathode,

electrolyte and other related applications. This problem is a good

example of where simulations, either atomistic or first principles-

based, can be of enormous benefit in identifying such trends.
3. Diffusion mechanisms

Diffusion in oxide materials is a fundamental and physically

complex phenomenon. The difference from metals is that the

existence of the anion and cation sublattices restricts ionic

diffusion to its own sublattice,47–49 while it is still influenced by

the behaviour of the cation sublattice. In oxides it is common to

consider the anion and cation sublattices separately. In most

technologically interesting oxide materials oxygen self-diffusion

is significantly faster than cation diffusion.50

Diffusion in crystalline materials requires the migration of

atoms away from their equilibrium positions. Diffusion mecha-

nisms describe the way an atom can move from one equilibrium

position to the neighbouring one. The role of point defects in

enabling this motion is critical.47 For the oxide materials

considered here, there are three generally accepted mechanisms,

and all three depend on the nature of the point defects in the

system: the interstitial, the interstitialcy and the vacancy mech-

anisms. In the specific examples for cathodes and electrolytes

presented in this paper, we will also highlight other mechanisms,

which are initiated by the presence of point defects but in addi-

tion involve cooperative motion of the local polyhedral

structures.

In the interstitial mechanism, ions positioned at interstitial

sites in the lattice migrate by jumping from one interstitial site to

a neighbouring interstitial site. When a single jump is completed

there is no permanent displacement of the other ions. The

interstitial mechanism does not require the existence of other

defects except from the interstitial ions themselves. The inter-

stitialcy mechanism is different from the direct interstitial

mechanism, as an interstitial ion displaces an ion from its equi-

librium lattice site.20 Thereafter the displaced ion moves to

another interstitial site.

In the vacancy mechanism of diffusion, a host ion diffuses by

jumping to a neighbouring vacancy.31 The vacancy mechanism

commonly governs oxygen transport, prevalent for oxygen self-

diffusion in a number of hypostoichiometric fluorite- and

perovskite-related systems28 traditionally of interest to SOFC. In
This journal is ª The Royal Society of Chemistry 2011
the vacancy mechanism the presence of lattice vacancies is

necessary, and their concentration in the lattice will influence the

kinetics. The energy barriers for this mechanism are typically

high limiting the applicability of these materials for SOFC

applications to temperatures over 900 K, i.e. at temperatures

where s > 0.01 S cm�1 for self-supported electrolytes.2 For

example, a reduction of temperature from 900 �C to 500 �C (1173

K to 773 K) reduces the oxygen ion conductivity by two orders of

magnitude in 10% yttria doped ZrO2.
2 The migration paths of an

oxygen anion in the cubic symmetry systems most common to

SOFC materials are shown in Fig. 2, representing the fluorite

structure adopted by doped ZrO2 and CeO2 as conventional

electrolyte materials in (a) and (b), and the perovskite structure

adopted by LaGaO3 as a conventional electrolyte material,41 and

by LaMnO3 and LaCoO3 as conventional cathode materials in

(c) and (d).

The migration enthalpies, or energy barriers, for the thermally

activated oxygen ion hopping through these paths are the critical

descriptor for how low a temperature the electrolyte and cathode

can effectively function at. In the transition state theory frame-

work,52 the oxygen ion exchange rate with vacancies, n, along the

migration paths is represented by the Boltzmann relationship as,

v ¼ n0 exp

��EM

kBT

�
(2)

where Em denotes the migration barrier along this path and no is

a constant. The vacancy diffusivity, Dv, is related to the mean

square displacement hR2i of the oxygen vacancies through the

Einstein relation,

hR2i ¼ 6Dvt. (3)

Dv exponentially depends on the energy barrier for oxygen

vacancy migration, EB, similar to the formalism in eqn (2). The

oxygen diffusivityDO is related to theDv considering the balance

between the fluxes of oxygen atoms and vacancies as,

DO ¼ cv

1� cv
DV (4)

where cv is the vacancy concentration fraction. Note that at small

values of cv, D0 scales almost linearly with cv. On the other hand,

a change in the migration barrier, EB, affects Dv and D0 expo-

nentially, making this factor an important target to reduce for the

intermediate temperature functionality of SOFC materials.

The oxygen migration energy depends on the following key

factors in the material in the vicinity of the migration path:38,53–56

(1) the cations surrounding the oxygen path, in particular the

bridging cation pair through which the oxygen passes, (2) the

distance and configuration of the vacancies near the initial and

final site of the vacancy, and (3) the distance and configuration of

the dopant cations near the initial and final site of the vacancy.

All three factors influence the system’s potential energy land-

scape and the corresponding migration barriers. These defect–

defect interactions, analyzed in detail by Bogicevic et al.37 and

summarized recently by Kushima and Yildiz38 for the YSZ

system, are related to the association (binding) energies of the

vacancy–vacancy, dopant–dopant, and vacancy–dopant clusters,

and are governed by the electrostatic, electronic, and elastic

parts. Among these three types of defect–defect interactions, the
Energy Environ. Sci., 2011, 4, 2774–2789 | 2777
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Fig. 2 Crystal structure and oxygen migration path in the fluorite

structure (a, b), representative of ZrO2 and CeO2 systems (red/large, and

yellow/small spheres are oxygen and cation sites, square is vacant oxygen

site), and in the perovskite structure (c, d), representing LaGaO3,

LaMnO3 and LaCoO3 systems (red/small, green/large, and purple/

medium spheres are oxygen, A-site cation, and B-site cation sites, square

is vacant oxygen site). Arrows in (b) and (d) show schematically the path

for the oxygen migration towards the vacant site.
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vacancy–vacancy interaction is the strongest followed by the

vacancy–cation interaction, and the cation–cation interaction is

the weakest of the three.37 Vacancy–cation interactions, in part,

determine the relative position of the vacancy with respect to the

host and the dopant cations; for example vacancies in equilib-

rium reside as first nearest neighbour (NN) to the Zr and second

NN to the Y (a large cation) in 8% yttria doped ZrO2 due to

elastic relaxations.39 The vacancy–vacancy and cation–cation

interactions primarily determine the clustering or ordering

tendency of these defects. For example, vacancies locate them-

selves randomly maximizing the distance among themselves on

the basis of dominant electrostatic interactions in up to 10%

yttria doped YSZ.57 The dopant cation pairs, Y–Y, as first NN

are found slightly more favourable than the second NN Y–Y

pairs in YSZ.37,58 Recent theoretical results by Predith et al.24

show that long range ordering of the dopant cations exists in

YSZ at high dopant concentrations, this cation ordering could

exist in short range at the lower yttria concentration range, and

such short-range order of yttrium cations may be responsible for

the observed decline in ionic conductivity beyond the 8% yttria

doping level in YSZ. To minimize energy barrier along the

migration path, the electrostatic, electronic, and elastic interac-

tions should balance in the vicinity of the migration path so that

there is neither a very strong association nor a very strong

repulsion at the initial and final state of the oxygen vacancy.24

Therefore, the limits of ionic conductivity in the context of

vacancy mediated transport in these cubic symmetry systems

depend directly on the bond strength between the oxygen and the

neighbouring cations, which is influenced by the local defect–

defect interactions.

The ultimate stable configuration of dopants and vacancies is

governed by the thermodynamics of the structure. On the other
2778 | Energy Environ. Sci., 2011, 4, 2774–2789
hand, one could identify procedures to fix a special distribution

of dopants in order to minimize the energy barriers or modify the

nature of the oxygen migration for increasing the oxygen diffu-

sivities beyond the currently reported values in these materials.

However, to engineer and keep these ad hoc dopant distributions

under conditions of relevance to SOFCs may be a daunting job.

In the meantime, the search for alternative oxide ion conducting

cathode and electrolytes with equilibrium structures and

compositions continues.
4. Computational methods

In this article, most of the discussion and results taken from

literature is based on atomistic scale MD and density functional

theory (DFT) frameworks. Therefore we will summarize key

points on these methods in what follows. For further details

regarding atomic scale modelling as applied to inorganic solids

the reader is referred to comprehensive relevant reviews.59–61

In solid state physics the quantum mechanical formulation

provides the most complete description of nature. However, even

though there are analytic solutions of the Schr€odinger equation

for some simple systems (e.g. hydrogen atom) solving the equa-

tion for a large number of electrons is computationally intensive

and currently insurmountable computationally because of the

complexity of many-electron interactions.62 To overcome these

issues and constitute the simulation of solids tractable, suitable

approximation techniques such as DFT have been developed.63,64

Commonly for oxides, in DFT the exchange-correlation energy is

described in the local density approximation (LDA) or the

generalized gradient approximation (GGA). Another way of

approximating the exchange-correlation energy is with the use of

hybrid functionals that incorporate a part of the exact exchange

from the Hartree–Fock theory.65 Generally, a plane-wave basis

set is used with the pseudopotential method. In this, the core

electrons are described by effective potentials (pseudopotentials)

and the valence electrons may evolve explicitly. Important recent

developments include the introduction of the U-parameter (on-

site Coulomb interaction parameter) for open-shell transition

metal compounds. Within the DFT framework the activation

energy of diffusion can be calculated coupled with techniques to

identify the minimum energy path, such as the nudged elastic

band method.66 The limitation of DFT is the relatively small

simulation size that is typically on the order of only a few

hundred atoms at the present time. While this size is suitable for

bulk, and to some extent the surface properties, it does not allow

the treatment of extended defects and microstructures without

introducing artefacts of defect–defect interactions among the

neighbouring simulation cells.

The classical potential-based MD method is another widely

used technique to study diffusion in oxides. In MD the state of

the system is described in terms of the positions and the momenta

of all the particles that constitute it. Newton’s equations of

motion for an ensemble of particles are solved iteratively. These

particles interact via potential energy functions, within the clas-

sical Born-like description of the ionic crystal lattice.67 Ionic

interactions are described by a long-range Coulombic term and

by a short-range parameterized pair potential such as the

Buckingham potential.68–70 In MD simulation systems that are

orders of magnitude higher compared to DFT can be simulated.
This journal is ª The Royal Society of Chemistry 2011
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On the other hand, issues in accuracy can arise especially when

the description of the electronic structure of the system becomes

important (i.e. charge transfer phenomena on surfaces), and

treatment of structures that deviate from the bulk as on surfaces

and at interfaces.
5. Oxygen transport mechanisms in cathodes

Numerous mixed ionic and electronic oxides are presently being

considered and investigated for SOFC cathode applications. A

number of perovskite structured materials with general formula

La1�xSrxMO3�d (M ¼ Mn, Fe, Co) are among the most tradi-

tionally and widely studied cathode materials.71 These possess

a cubic-like symmetry with oxide ion diffusion based on the

vacancy migration mechanism, as illustrated in Fig. 2. In the

present feature article, instead of these traditional cathodes72 and

the oxygen reduction and transport in them, we focus in detail the

progress in oxygen transport in perovskite-related phases with

anisotropic structures and with oxide ion transport that does not

rely only on oxygen vacancies; Ruddlesden Popper (RP) series of

layered oxides (formula An+1BnO3n+1); the double perovskites

(formula AA0B2O5+d); and layered cobaltites and ferrites exem-

plified by Sr1�xYxCoO3�d and Sr4Fe6O13, respectively.
5.1. Ruddlesden-Popper series of layered oxides

Here we will concentrate on the first members of theRP series (for

n ¼ 1, A2BO4) such as La2NiO4+d, La2CoO4+d and Pr2NiO4+d.

These have the K2NiF4 structure which has been investigated in

great detail ever since the observation of high-temperature

superconductivity inLa2�xBaxCuO4.
73 Itwas determinedwith the

use of in situ high temperature neutron powder diffraction that

La2NiO4 exhibits the tetragonal symmetry (space group I4/mmm)

in the temperature range 423–1073 K.74

The polymorphs of K2NiF4 are dependent upon the temper-

ature and changes in stoichiometry. Interestingly, these mate-

rials, especially if doped, can be both hypostoichiometric (i.e.

oxygen deficient) and hyperstoichiometric (i.e. oxygen excess). In

hypostoichiometric materials there exist oxygen vacancies

(represented by VO__ in Kr€oger–Vink notation), whereas in

hyperstoichiometric oxygen interstitials (represented by O
0 0
i in

Kr€oger–Vink notation). These point defects are important for

the oxygen diffusion, and the defect–defect interactions are

significant in the RP layered compounds; this is both a result of

Coulomb repulsion between oxygen interstitials and the inter-

action of elastic strain fields surrounding the defects. The oxygen

diffusion coefficient DO can be defined as:

DO ¼ DV[VO__] + Di[O
0 0
i ] (5)

where DV and Di are the vacancy and interstitial diffusion coef-

ficients, [VO__] and [O
0 0
i ] are the oxygen vacancy and interstitial site

fractions, respectively.

For example, in hypostoichiometric La2�xSrxCuO4�d Opila

et al.75 determined that there is significant anisotropy between the

oxygen diffusion in the a–b plane and the c-axis. In tetragonal

La1.85Sr0.15CuO4�d the MD investigations of Savvin et al.,76

revealed oxygen diffusivities that were higher by several orders

of magnitude compared to previous stable isotope diffusion
This journal is ª The Royal Society of Chemistry 2011
studies on dense polycrystalline samples.77 Nevertheless, for

La1.85Sr0.15CuO4�d the MD activation energy of diffusion of

(0.86 eV)76 is in excellent agreement with the determined value

(0.84 eV).77

Conversely, previous thermogravimetric analyses of La2NiO4+d

have revealed a range of oxygen hyperstoichiometries that are

dependent upon the experimental conditions.14,78 Recent MD

simulations predicted that the oxygen ion diffusivity in the RP

materials La2NiO4+d, Pr2NiO4+d and La2CoO4+d occurs via

a highly anisotropic interstitialcymechanismwith almost all of the

migration taking place in the a–b planes (refer to Fig. 3).30,79–81The

experimental values for the activation energy of migration are

within the range of values predicted from the MD calculations

(refer to Table 1). For Pr2NiO4+d oxygen diffusivities were calcu-

lated for a range of hyperstoichiometries and there is excellent

agreement between the absolute calculated values and those

observed experimentally.14,80 However, the calculated values for

the activation energy of migration depend strongly upon the

degree of hyperstoichiometry [range from 0.49 eV (d ¼ 0.025) to

higher values 0.64 eV (d¼ 0.20)].80 The dependence of the oxygen

diffusion coefficient on the concentration of interstitials (or degree

of hyperstoichiometry) also contains useful mechanistic informa-

tion. In a similar way as described above for vacancies, the oxygen

interstitial diffusivity, D, at a temperature T is formulated as,80

D ¼ Di[Oi] exp (�Em/kBT) (6)

where [Oi] is the concentrationof oxygen interstitials,Di is the pre-

factor term, Em is the energy barrier to migration and kB is

Boltzmann’s constant.73 Initially the diffusivity rises rapidly as we

increase the concentration of oxygen interstitials. This is expected

as the interstitials mediate the oxygen diffusion process. Notably,

beyond d z 0.02 the diffusivity levels off (refer to Fig. 4). The

physicalmeaning of this process can be attributed to the rise in the

effective migration barrier due to the increased formation energy

of oxygen interstitials (due to the presence of other pre-existing

neighbouring interstitials) and the stiffening of the lattice. The

latter is due to the pinning of the NiO6 sub-lattice because of the

additional oxygen interstitials (see Fig. 3), which in turn reduces

the ease with which the octahedra tilt to allow the passage of the

migrating oxygen ions. Previous experimental work on related

materials supports the MD results (please refer to Fig. 11 of ref.

14). La2CoO4+d is another potentially important RP compound

for oxide ion conduction81–83 (Table 1), and theoxygen conduction

mechanism in it is characteristically the same as the path described

here. For La2CoO4+d, the differences in the computationally

predicted and the experimentally measured migration barriers,

which involve both experimental and computational uncer-

tainties, are discussed in depth byKushima et al.81As summarized

here, the facile migration of the interstitial oxygen in these RP

compounds is enabled by the cooperative titling–untilting of the

(Ni,Co)O6 octahedron, and exemplifies the role of lattice flexi-

bility in reducing the barriers to oxygen diffusion.
5.2. Layered double perovskites

Ordered double perovskites with general formula AA0B2O5+d,

where A ¼ rare earth, A0 ¼ alkaline earth and B ¼ Co, Mn, have

been recently proposed as next generation Intermediate
Energy Environ. Sci., 2011, 4, 2774–2789 | 2779
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Fig. 4 The diffusion coefficient with respect to the oxygen hyper-

stoichiometry, d, in Pr2NiO4+d (reproduced from ref. 80 by permission of

PCCP Owner Societies).

Fig. 3 The tetragonal crystal structure of Pr2NiO4+d (O in red, NiO6

octahedra in green and Ni in blue) and the isosurface connecting the O

diffusion sites in the a–b plane (the c-axis in the vertical axis) from the

MD calculations of Parfitt et al.80 at 1100 K and d ¼ 0.09875. Note the

distortion of the NiO6 octahedra away from the oxygen interstitial

(reproduced from ref. 80 by permission of PCCP Owner Societies).
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Temperature-SOFC (IT-SOFC) cathode materials due to their

high electronic conductivity (above the metal–insulator transi-

tion temperature, 300–400 K),84 remarkable oxygen mass trans-

port properties12,16,17 (lowered activation energy compared to

most of the simple perovskite cathodes6) and excellent perfor-

mance when integrated in fuel cell devices.85–93

These double perovskite materials are derived from aliovalent

substitution on the A-site of a simple perovskite oxide (ABO3),

with general formula, A0.5A
0
0.5BO3�d, which generates oxygen

vacancies. For a significant size mismatch between the two A-site

cations, the simple perovskite structure tends to adopt a layered

arrangement due to an A-site cation ordering and the formula for

the material is then rewritten in the double perovskite manner,

AA0B2O5+d (Fig. 5).

This particular structural feature is in the origin of the excel-

lent oxygen mass transport properties already reported in the

literature. For the particular case of GdBaCo2O5.5 (GBCO),

Parfitt et al.88 and Hermet et al.89 carried out first MD simula-

tions shedding some light on the oxygen transport mechanisms

and their correlation with the structure and the observed
Table 1 Activation energies of oxygen self-diffusion in A2BO4+d. In the mo

Material Ea/eV Methodology

La2CoO4+d 0.12 Experimental
La2CoO4+d 1.27 DFT
La2CoO4+d 0.73 DFT
La2CoO4+d 0.47 MD
Pr2NiO4+d 0.49–0.64 MD
La2NiO4+d 0.51 MD
La2NiO4+d 1.2 DFT
La2NiO4+d 0.19 Experimental
La2NiO4+d 0.54 Experimental

2780 | Energy Environ. Sci., 2011, 4, 2774–2789
macroscopic properties. In these independent works, MD

simulations were able to reproduce the high diffusivities and low

activation energies experimentally measured by isotopic

exchange techniques (Fig. 6 and Table 2). The simulations

showed anisotropic oxide ion conduction based on pathways

through Gd-, Co- and O-sites (Fig. 7). This direct visualization of

an anisotropic diffusion is consistent with experimental results,

based on diffraction of LnBaCo2O5+d (Ln¼ Pr, Gd) compounds,

which determined lower occupancy for the oxygen sites in the

[LnO]d plane at high temperatures.90,91

High diffusivity and low values of activation energy reported

for this family of compounds are quite unexpected since heavily

doped structures, such as these aliovalent substituted double

cobaltites, usually suffer from association between dopants and

oxygen vacancies that reduces the oxide ion mobility, e.g. the

ionic conductivity is depressed for heavily doped fluorites or

pyrochlores,92 as discussed in section Diffusion mechanisms.

However, MD simulations in these systems have showed that the

existence of an ordered cation sublattice avoids trapping effects

allowing a highly disordered oxygen sublattice. The character-

istic layered structure restricts the ionic conduction to the most

favorable conduction planes, avoiding diffusion along planes

containing the largest cation (Ba2+), i.e. the cation with highest

coordination number. In this direction, Parfitt et al.88 investi-

gated the effect of cation ordering in the oxygen mass transport

of GBCO by introducing controlled disorder in the A-site,

ranging from total disorder to layered compounds. A continuous

increase of the oxygen diffusivity perpendicular to the conduc-

tion plane is observed for a higher level of disorder until an
deling studies the direction of migration is the a–b plane

Comment Reference

82
Interstitial mechanism 81
Interstitialcy mechanism 81
Interstitialcy mechanism 81
Interstitialcy mechanism 80
Interstitialcy mechanism 79
Interstitial mechanism 15
Epitaxial thin film 18
Polycrystal, TOF-SIMS 30
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Fig. 5 Polyhedral view of (a) simple perovskite structure of GdCoO3

and (b) high temperature ordered double perovskite structure of GdBa-

Co2O5+d (P4/mmm space group). In the layered perovskite structure, Co

ions are coordinated in pyramids (CoO5) and octahedra (CoO6) with

oxygen vacancies along Gd (light green) planes. Blue spheres represent

Ba.
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isotropic diffusion is achieved. Furthermore, the total diffusivity

dropped to a third of the ordered case for the fully disordered

system suggesting that the most favorable structure in terms of

oxygen mass transport is the ordered one. This result is in

accordance with the experimental results based on oxygen

uptake kinetics in oriented single crystals94 that showed a signif-

icant improvement of the oxygen transport properties induced by

cation ordering taking place in similar compounds

(Gd0.5Ba0.5MnO3�d compared to GdBaMn2O5.5).

As previously suggested by Norby,94 cation ordering can

provide highly percolative pathways for oxygen migration in

heavily substituted compounds if the anion sublattice disorder is

not altered, i.e. the equivalency of all the anion sublattice sites is

preserved. Since dopant cations extensively associate to vacan-

cies, efficiently fixing these dopant traps in positions out of the

percolation paths will increase the ionic conductivity. This

promising strategy can be of the utmost importance if keeping

the cation ordering is possible even for systems where dopants

tend to segregate to grain boundaries and interfaces blocking the

oxide ionic conduction, with the consequent lower performance
Fig. 6 Arrhenius plot of calculated (open symbols) and experimentally

measured (closed symbols) oxygen diffusivities for ordered double

perovskites.12,16,17,88,89

This journal is ª The Royal Society of Chemistry 2011
of the final device.95,96 Simulations can help in reaching an overall

understanding of the optimum trade-off between stable ordered

structures and highly percolative disordered oxygen sublattices.

At this stage only limited experimental data on a small number

of compositions with ordered double perovskite structure are

available.6 Therefore, the scope for optimizing their performance

is enormous, especially if we consider mixed occupancy of both A

and B cation sites. The use of atomistic simulations can play an

important role in mapping out and acquiring a fundamental

understanding of the effect of the nature of the A, A0 and B

cations on the conduction and catalytic properties.
5.3. Other examples to layered oxides

There are a number of perovskite-related layered oxides that

have been proposed or are presently being investigated as cath-

odes for SOFCs.97–110 Of particular importance are the iron,

copper and cobalt containing perovskite-related oxides.6,105 The

mechanism and energetics of oxygen transport in most of these

materials is a relatively unchartered area because of the immense

number of possible combinations due to differences in compo-

sition, stoichiometry, and crystal structure. Sometimes the

accurate experimental determination of the oxygen diffusion

process in ceramic samples can be hindered by grain boundaries

or other artifacts and therefore an atomistic simulation approach

becomes extremely useful. For example, experimental work on

Sr4Fe6O13 ceramic did not determine significant ionic conduc-

tivity107–109 in contrast to the simulations of Fisher and Islam87,110

that predicted a better ionic conductivity than the parent

Sr2Fe2O5, due to energetically favoured oxygen diffusion paths

in particular crystallographic directions. Although the origin of

the low conductivity in pure ceramic Sr4Fe6O13 is still in

controversy, it is likely due to blocking effects associated to the

grain boundaries present in polycrystalline samples. Experi-

mental measurements on single crystals are required for clari-

fying this issue. This particular case highlights how atomistic

simulation can help and guide in overcoming experimental

limitations by covering fundamental aspects of oxygen diffusion

mechanisms in greater detail and accuracy.

Cobalt oxides are another potentially important category of

materials that can be used as cathodes for SOFCs, oxygen

separation membranes and other applications.111–113 The struc-

ture and properties of Sr1�xLnxCoO3�d (Ln ¼ Y, rare-earth

cations) have received considerable attention.111–113 For example,

Sr0.7Y0.3CoO2.62 was determined by Istomin et al.114 to exhibit

the tetragonal symmetry (space group I4/mmm, no. 139). Inter-

estingly, in Sr0.7Y0.3CoO2.62 the layers of CoO6 octahedra

alternate with the oxygen deficient layers (see Fig. 8; similar to

the Brownmillerite structure reviewed among Electrolyte Mate-

rials in the following section). It is of importance that one of the

oxygen sites (the O4, Fig. 8) has a partial occupancy of 1/4 , with

only one of the four adjacent positions being occupied. In

a recent MD study Rupasov et al.115 investigated the oxygen

diffusion mechanism in Sr0.75Y0.25CoO2.625. The calculations

revealed that oxygen diffusion both in the a–b plane and along

the c-axis requires equivalent rate-limiting ion hops. Therefore,

oxygen diffusion in Sr0.75Y0.25CoO2.625 is isotropic with an

activation energy of 1.56 eV in the temperature range 1000–1400

K.115 This activation energy is in excellent agreement with the
Energy Environ. Sci., 2011, 4, 2774–2789 | 2781
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Table 2 Comparison of oxygen diffusivity data (chemical diffusion) obtained by both isotopic diffusion measurements and MD calculations for
ordered layered perovskites

D*/cm2 s�1 T ¼ 500 �C Ea/eV Method Ref. Notes

GdBaCo2O5+d 1.2 � 10�8 0.70 Weight change 12 Modified values according to ref. 17
GdBaCo2O5+d 2.8 � 10�10 0.60 Isotopic exchange 17
PrBaCo2O5+d 3.6 � 10�7 0.48 Isotopic exchange 16
GdBaCo2O5.5 3.1 � 10�9 0.50 MD 88 Diffusivity from extrapolation
GdBaCo2O5.5 1.2 � 10�9 0.67 MD 89 Diffusivity from extrapolation
GdBaCo2O5.5 1.5 � 10�8 0.56 MD 89 Diffusivity from extrapolation

Fig. 7 Calculated oxygen density profiles obtained by MD for (a) an

ordered and (b) a fully disordered perovskite with formula, GdBa-

Co2O5.5. This visualization shows the anisotropic oxygen diffusion for

ordered double perovskites. Green and blue spheres represent Gd and Ba

respectively. Three different oxygen positions can be defined and are

labeled O1, O2, O3 (reproduced from ref. 88).

Fig. 8 The crystal structure of Sr0.7Y0.3CoO2.62. The CoO6 octahedra
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experimental value of about 1.5 eV that was determined after the

MD investigations.116
layers alternate with oxygen deficient layers (O3, O4) and CoO1 atoms.115
6. Oxygen transport mechanisms in electrolytes

Desirable properties for an electrolyte are high ionic conduc-

tivity, low electronic conductivity, chemical and mechanical

compatibility with the electrode materials, and phase stability in

both oxidizing and reducing conditions. Enabling fast oxide ion

transport in electrolyte materials is essential to facilitate the

intermediate- to low-temperature operation of SOFCs for

enhanced durability and economics. The ultimate choice of the

oxide ion electrolyte for the intermediate temperature SOFCs is

not yet clarified. The focus of this section is the oxygen ion

transport mechanisms and diffusivity in a representative set of

electrolyte materials. We first summarize the ionic transport

mechanisms in the electrolyte materials which are widely studied

and in some respects are regarded as conventional or old

although the duly excitement about them never vanishes. We

then exemplify non-traditional anion transport paths from recent

studies, focusing on the role of lattice flexibility and dynamics.

Lastly, we come back to the old materials, and highlight the new

developments in the potential to increase the ionic conductivity

in them. For this, we highlight the experimental and theoretical

studies in which the oxide materials are subjected to external

mechanical stimuli, bringing about the mechano-chemical

coupling in potentially driving fast ionic transport. The strength

of this coupling also stands for the lattice/bonding flexibility in

the oxides. A mechanistic understanding of oxygen transport
2782 | Energy Environ. Sci., 2011, 4, 2774–2789
from atomistic details in these families of oxides, and of how

oxygen transport can be manipulated by external mechanical

stimuli, are important for developing strategies for increasing the

oxygen ion conductivity in next-generation materials and

microstructures for SOFCs.

6.1. Cubic systems with oxygen ion hopping

The three most widely investigated electrolyte systems are yttria

stabilized zirconia (YSZ), gadolinium- or samarium-doped ceria

(CGO or CSO), and strontium- and magnesium-doped

lanthanum gallate (LSGM).3,51,117–119 The zirconia- and ceria-

based electrolytes have fluorite crystal structures, with the

cations occupying the fcc lattice sites and the O2� ions occupying

the tetragonal sites. LSGM is a perovskite oxide, with the O2�

ions occupying the face centers, forming (Ga,Mg)O6 octahedra,

and with the (La,Sr) cations on the corner sites. Both structures

are shown in Fig. 2. The commonality among these cubic

symmetry solids is that the oxygen anion transport is mediated

by anion vacancies, and takes place by the thermally activated

hopping of an anion from one site to the nearest anion vacancy

site.51,92This leads to a vacancy flux and an anion flux of opposite

directions. At the intermediate temperature range, the energy

barriers for this mechanism are typically high to enable fast

diffusion, and among these three conventional electrolyte
This journal is ª The Royal Society of Chemistry 2011
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systems, the oxygen ion conductivity of YSZ is the lowest, and

that of CGO is the highest.120–122 The migration paths of an

oxygen anion in the fluorite and the perovskite structures are

shown in Fig. 2, exemplifying the case for YSZ and CSO/CGO in

(a,b), and for LSGM in (c,d).

As discussed in Section 3, the barrier for the thermally activated

vacancy migration paths is the critical descriptor for how low

a temperature the electrolyte can effectively function at. A change

in the migration barrier, EB, affects Dv, and consequently D0

exponentially (eqn (2)–(4)). The reported migration barriers for

oxygen anion transport range as 1.0–1.2 eV inYSZ, 0.9–1.16 eV in

CGO, and 0.79 eV in LSGM.123The limits of ionic conductivity in

the context of vacancy mediated transport in these cubic

symmetry systems depend directly on the bond strength between

the oxygen and the neighbouring cations, which is influenced by

the local defect–defect interactions. In the last section, we will

come back to these old electrolyte materials as noted here, and

present the new developments in identifying mechano-chemically

coupled ways to reduce the energy barriers to oxygenmigration in

these rather well-known systems. In the next section, we highlight

structures which do not rely on oxygen ion hopping for oxygen

transport, but rather on the flexibility of the lattice.
6.2. Non-cubic, anisotropic systems with lattice dynamics

There are a number of recently described transport paths for

oxygen transport to take place via intercalation at lower

temperatures. First principles-based and atomistic simulations

have been instrumental in discovering such new mechanisms.

Two primary structure types that intercalate oxygen fast belong

to the oxygen deficient Brownmillerite structure, and structures

containing active tetrahedral moieties as the oxygen excess

apatite. These are not cubic, and possess anisotropic paths of

oxygen conduction. In particular, lattice dynamics characterized

by the significant relaxation and cooperative motion of local

polyhedra assists the conduction of oxygen atoms, without

necessitating an oxygen ion/vacancy hopping path as discussed

above for the cubic systems.

(1) Brownmillerites. BaInO2.5, CaFeO2.5 and SrFeO2.5 are

example compositions in this structure family for oxygen ion

conduction.124,125 The key characteristic of the Brownmillerite

structures is the alternating octahedral and tetrahedral layers,

and the 1D ordered vacancy channels in the tetrahedral layers at

lower temperatures. At high temperatures, for example above

925 �C for BaInO2.5, the oxygen vacancies disorder and the

symmetry becomes tetragonal.126 It transforms to a disordered

cubic form at 1040 �C. It is debated that the disorder induced in

the oxygen sublattice leads to high ionic conduction at these

higher temperatures. On the other hand, it was also shown that

the vacancy ordered channels can fill up, through fast diffusion,

completely already at room temperature in SrFeO2.5, to form

eventually the cubic perovskite.127,128 The underlying atomistic

mechanism for this unusually fast oxygen transport kinetics at

low temperatures in Brownmillerites was revealed recently using

inelastic neutron scattering and ab initio molecular dynamics.129

In summary, the apical oxygen atoms can exhibit large

displacements, and if they get sufficiently far from their equi-

librium positions, they are able to escape into the vacancy
This journal is ª The Royal Society of Chemistry 2011
channels of the tetrahedral layer. The structure left behind is then

a square pyramid, and a reoriented tetrahedron (see Fig. 9(a) and

(b) for SrFeO2.5), signifying the ability of the lattice to dynami-

cally accommodate multiple polyhedral configurations. A

pronounced lattice dynamics exists for the tetrahedral chains,

showing a marked zig-zag switching behavior. The potential of

the apical oxygens to do this is mainly determined by the Fe–O

bond strength and length along the c-axis; the longer the bond,

the easier to displace the oxygen atom. Therefore, the possibility

of this fast kinetics strongly depends on the lattice parameter

along the c-axis. The same path was found experimentally to be

much slower and active only at higher temperatures in CaFeO2.5

(above 700 K, vs. 600 K for SrFeO2.5),
129 whose c-axis lattice

parameter is shorter than that of SrFeO2.5 (cCaFeO2.5
¼ 14.77 �A

and cSrFeO2.5
¼ 15.85 �A).129,130 While these Fe-containing

Brownmillerites would also be electronically conducting,

rendering them more suitable as a cathode, the oxygen conduc-

tion path in these structures could be representative of also the

purely ionic conducting BaInO2.5 at low temperatures as

a candidate electrolyte material.

(2) Active tetrahedral moieties. Structures containing tetra-

hedral moieties such as La1�xCaxMO4�x/2 (M ¼ Ta,Nb,P),

La1�xBa1+xGaO4�x/2, and La9.33+xSi6O26+3x/2, have been

attracting considerable attention for fast oxygen transport.131–133

We review two examples demonstrating the role of lattice

flexibility and dynamics, with significant relaxations of the

tetrahedral moieties, rendering them active, in enabling an

almost hand-to-hand transfer of the oxide ions.

(i) Taking the La1�xBa1+xGaO4�x/2 as a model system,

Kendrick et al.134 recently elucidated the atomic scale oxygen

conduction mechanism in these systems using a combined

experimental and computational modelling approach. The

structure of LaBaGaO4 contains gallium in a distorted tetra-

hedral environment and ordered alternating layers of

lanthanum and barium. The gallate tetrahedra are identified as

isolated moieties within the lattice. Upon removal of an oxygen

from a GaO4 unit, rather than producing a three-coordinate Ga

unit, considerable relaxation of a neighbouring GaO4 unit takes

place. A Ga2O7 group is formed, such that each Ga retains

a tetrahedral coordination, sharing one apical oxygen between

two tetrahedra (Fig. 10(a)). The prediction of such Ga2O7

defects from the modeling work was also supported by the

neutron diffraction data for the ‘dry’ La0.8Ba1.2GaO3.9 sample.

The data showed a spread of nuclear density along the c axis

with a split oxygen site, which is consistent with the presence of

both an isolated GaO4 tetrahedron and a Ga2O7 unit. The

oxide-ion conduction in this system then proceeds via a coop-

erative ‘cog-wheel’-type process involving the breaking and re-

forming of Ga2O7 units (Fig. 10(b)). Local lattice relaxation

around the migrating ion is a key enabler for this process. The

minimum energy pathway for the oxygen migration was shown

to occur via the breaking and re-formation of the Ga2O7 units,

with an effective oxide-ion migration energy of 0.59 eV. The

transfer of oxide ions between neighbouring tetrahedra facili-

tates long-range diffusion. While this is an unusual mechanism

for ceramic oxide materials, similar cooperative processes with

lattice dynamics may be important in related systems containing

tetrahedral moieties.
Energy Environ. Sci., 2011, 4, 2774–2789 | 2783
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Fig. 9 (a) SrFeO2.5, Brownmillerite framework, before and after the diffusion of an apical oxygen atom (shown by red dashed arrow) yielding a FeO5

square pyramid, and a modified FeO4 tetrahedron. (b) Atomic trajectories along a 10 ps ab initiomolecular dynamics run at 350 K (oxygen positions are

red spheres), where the apical oxygens follow a zig-zag pattern dynamics (reprinted with permission from ref. 129).
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(ii) Apatites with the general formula Ln10(XO4)6O2�y, where

Ln is a rare-earth or alkaline earth metal, and X is P, Si or Ge,

have high oxygen conductivity.135–139 Fig. 11(a) illustrates the

structure of the apatite La9.33(SiO4)6O2. In this the isolated SiO4

tetrahedra are arranged in such a way that they form two distinct

channels parallel to the c-axis. Lanthanum cations occupy both

of these channels, whereas oxygen ions reside in the larger

channel (Fig. 11(a)). Interestingly, in apatites oxygen transport is

via an interstitial mechanism, with the importance of oxygen

interstitials being highlighted in previous experimental

studies.133,140–142 The atomic scale modelling work of Tolchard

et al.138 predicted that the interstitial oxygen resided in the

periphery of the larger channel and not at its centre. This

arrangement is energetically favourable as the neighbouring SiO4

tetrahedron is displaced towards the La channels. Thereafter,

experimental evidence133,141–143 verified the calculations of Tol-

chard et al.138

As expected by the channels existing in its structure oxygen

diffusion in La9.33(SiO4)6O2 is highly anisotropic and prevalent
Fig. 10 (a) Local structure around an oxide-ion vacancy defect in the LaBaG

oxide ion, forming aGa2O7 unit. Removal of an oxide ion from one GaO4 tetra

both maintain four-fold coordination. This requires slight rotation of bot

La1�xBa1+xGaO4�x/2. The transport mechanism involves the formation and br

ions between neighboring tetrahedra ‘‘from hand to hand’’ enables long-range

(reprinted with permission from ref. 134).

2784 | Energy Environ. Sci., 2011, 4, 2774–2789
along the direction of the channels (c-axis). Atomistic simulation

studied by Kendrick et al.133 revealed that the oxygen diffusion

follows a sinusoidal path (Fig. 11(b)). The oxygen transport

involves the cooperative displacements of the SiO4 tetrahedra, as

described above in (i) and Fig. 11, and their flexibility and

dynamics are thus very important.133 Apatites can exhibit a wide

range of oxygen or cation stoichiometries and can readily

incorporate dopants.
6.3. Emerging opportunities through interfaces and lattice

strain in nanoscale structures

Besides the conventional approaches of searching for novel

structures and compositions, or of altering oxygen and cation

stoichiometry, introduction of dissimilar interfaces is a poten-

tially powerful method of modifying the ionic transport prop-

erties of ceramics.144 The tremendous sensitivity of the properties

of oxides to strain and defects is greatly amplified at interfaces,145

resulting in significant and quantifiable effects on charge-carrier
aO4 system. Considerable local relaxation takes place upon removal of an

hedron causes a neighboring tetrahedron to share one of its anions so that

h gallium–oxygen moieties. (b) Oxygen vacancy migration pathway in

eaking of Ga2O7 units along the migration pathway. The transfer of oxide

diffusion to take place. The migrating oxide ions are highlighted in yellow

This journal is ª The Royal Society of Chemistry 2011
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Fig. 11 (a) The structure of the apatite La9.33(SiO4)6O2 and (b) the

oxygen migration path (yellow) perpendicular to the c-axis. Channel

oxygen ions in red, SiO4 tetrahedra in light blue and La cations in purple

(reproduced from ref. 133).
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density and mobility. The strain state at and near the interface

can alter the electronic structure and bond strengths to provide

for improved charge transfer,146 and improved ion mobility.147

The ability to tune the atomic-level structural and chemical state

of the interfaces and near-interface regions to favour fast oxygen

transport in SOFC electrolytes, as well as in electrodes, is of high

importance.148 Here, for this purpose, we turn our attention to

the anisotropic lattice strains. Surface strain effects have received

significant excitement for accelerating low temperature electro-

catalysis rates on transition metals since the report by Mavri-

kakis et al.146 in 1998. On the other hand investigations of lattice

strain effects on defect chemistry, ionic transport and reactivity

in oxides are yet scarce, with recent results indicating a poten-

tially significant impact in favorably altering the ionic transport

rates in SOFC-relevant materials.38,149,150 Generalized theoretical

and experimental strategies making use of strain states in

controlling the ionic transport and reactivity of ceramics do not

yet exist. Here we present the recent findings on the mechanistic

and quantitative effects of biaxial lattice strain in accelerating the

oxygen ion transport in electrolyte materials, as a prime example

formechano-chemical coupling in ceramics. The results are drawn

from recent theoretical and experimental work on YSZ. In this

way, we hope to give some guidance on how nanoscale structures

can be devised to enable fast oxygen transport upon mechanical

stimulation. The most important message to take away is the

potential of the lattice strain to reduce the oxygen migration

energy barriers, which is a key factor for enabling fast oxygen

transport as we noted in Section 3.

The ‘‘fastest strain’’ in yttria stabilized zirconia.An eight orders

of magnitude increase in conductance of 1–30 nm thick yttria

stabilized zirconia (YSZ) layers coherently ‘‘strained’’ between

dielectric SrTiO3 (STO) layers, as reported by Barriocanal

et al.,36 sparked great interest in this system. To date, the exact

nature of the ionic versus electronic conductance induced in the

vicinity of the YSZ/STO interface remains debatable.147 Theo-

retical efforts following this experimental report dug deeper into

the mechanisms of what lattice strain alone can do to the oxygen

transport in bulk YSZ, regardless of the electronic and space

charge effects that can arise at the YSZ/STO interface. In

assessing the role of biaxial tensile strain with atomistic details,

Kushima and Yildiz combined first principles-based calculations
This journal is ª The Royal Society of Chemistry 2011
of migration paths and barriers, with kinetic Monte Carlo-based

atomistic calculations of effective diffusivity.38 As a result, they

identified that two competing and non-linear processes acting in

parallel alter the migration barrier for oxygen upon applied

strain. First, at low strain states where elastic stretching of the

cation–oxygen bonds prevails, the increase of the migration

space and the weakening of the local oxygen-cation bonds

decrease the migration barrier. With the decrease in the migra-

tion barrier, the oxygen diffusivity exhibits an exponential

increase up to a critical value of tensile strain, namely the fastest

strain. This increase is more significant at the lower temperatures.

Second, at strain states higher than the critical strain the diffu-

sivity decreases, because the local relaxations at large strains

break and re-form bonds (Fig. 12) and trap the oxygen by

strengthening the local oxygen-cation bonds and increase the

migration barrier. This is transition to local plastic relaxations.

Yildiz and Kushima consider ten representative migration paths

for oxygen in 9%-YSZ, taking into account the vacancy and

dopant configurations near the migration path, including those

beyond the first and second nearest neighbours.38 The electronic

charge density distribution on the cation–oxygen (C–O) bonding

plane along one such migration path in YSZ is shown in Fig. 12

as a function of strain. For the particular vacancy migration path

in Fig. 12, the elastic stretching up to 6% strain weakens the

cation–oxygen bond (marked as C and O) and reduces the

migration barrier of oxygen (marked as O) towards the vacancy

on the left. From 6% to 8% strain, the breaking of a neighbouring

cation–oxygen bond upon local relaxations re-strengthens the

C–O bond, and increases the migration barrier again. The

highest effective enhancement of diffusivity in 9%-YSZ

compared to its unstrained state is at 4% as the fastest strain, by 7

� 103 times at 400 K and by 3 � 101 times at 1000 K (Fig. 13).

The effective migration barrier is reduced by 0.4 eV. One could

view this fastest strain as the optimal strain state to induce in the

material system in order to attain the maximum benefit of the

biaxial lattice strain on the oxygen diffusivity.

Using a higher level phenomenological model based on the

elastic properties of YSZ, Schichtel et al. estimated a 2.5 orders

of magnitude increase in the ionic conductivity of YSZ at 7%

strain at 573 K. Schichtel et al.’s150 model relies on the isotropic

pressure induced by elastic strain to enhance the diffusivity, and

does not take into account the microscale competing elastic-to-

plastic relaxations at these large tensile strain states in YSZ.

Therefore, it cannot capture the strain dependence of the local

bond-strengths and migration energies, which may mitigate the

diffusivity at large strain values beyond elastic stretching. In spite

of the differences in Schichtel et al.’s and Kushima and Yildiz’s

models, the magnitude of the maximum relative increase in the

oxide ion diffusivity in strained YSZ predicted by these models

range from 2.5 to 3.8 orders of magnitude. Such potential

increase is significant by itself. On the other hand, the lattice

strain (elastic and plastic) alone cannot explain an eight orders of

magnitude increase of ionic conductivity in YSZ as reported by

Barriocanal et al.36

Interestingly Sillassen et al.’s35 more recent experiments on 58

nm thick epitaxial YSZ films onMgO also show very high lateral

ionic conductivities, and agree with the quantitative predictions

of Kushima and Yildiz. The enhancement in ionic conductivity is

especially significant at the low temperatures (<350 �C), by more
Energy Environ. Sci., 2011, 4, 2774–2789 | 2785
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Fig. 12 The electronic charge density distribution on the cation–oxygen (C–O) bonding plane in YSZ as a function of biaxial lattice strain, 3, from 0.00

to 0.08, at the initial configuration of the oxygen migration. Weakening of the O–C bond upon elastic stretching up to 3 ¼ 0.06 corresponds to the

decrease of the migration barrier. Re-strengthening of the O–C bond (black dashed oval), in concert with the breaking of a neighboring cation–oxygen

bond (white dashed oval) upon local relaxation from 3 ¼ 0.06 to 0.08, increases the migration barrier again. Gray and red spheres represent Zr and O

atoms, respectively. White dashed square is the location of the oxygen vacancy, and oxygen marked as O is the migrating oxygen towards the vacancy.

The isoline-interval is 0.5 �A�3 (adapted from ref. 38).
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than 3.5 orders of magnitude compared to bulk YSZ, and is

accompanied by a reduction in the effective activation energy

from 1.24 eV for bulk YSZ to 0.89 eV for the epitaxial YSZ films

on MgO at the lower temperatures. The relative reduction in the

activation energy, the order of magnitude of the increase in ionic

diffusivity, and the significance of this increase at lower

temperature are consistent with and support the predictions of

Kushima and Yildiz discussed above.38 Sillassen et al.35 attribute

the increase in the conductivity at lower temperatures to the

YSZ-substrate interfacial effects, induced by a combination of

misfit dislocation density and elastic strain at the interface. We

think that, even in the case of the misfit dislocations, the elastic

strain field around the misfit dislocations can reduce the migra-

tion barriers and enable fast ionic transport, in the same way as

the model described by Kushima and Yildiz.38

These very high oxide ion conductivities proposed by experi-

ments and theory in the conventional YSZ composition, put into

an unconventional structure in the form of strained thin films, are

of great fundamental importance for fast ionic transport. The

theoretical gains from lattice strain in these oxides are expo-

nential in altering the diffusion kinetics, thanks to the flexible

stretching of the cation–oxygen bonds. Even in the context of

plastically deformed oxides which possess dislocations, each

dislocation is associated with an elastic strain zone (tensile and

compressive) around itself. Therefore, the discussion here on the
Fig. 13 Two competing factors alter the oxygen migration barrier upon app

path, and (2) bond strength between the migrating oxygen and its nearest neigh

diffusivity (Do/Do
0) was 6.8 � 103 times at 4% strain at 400 K (adapted from

2786 | Energy Environ. Sci., 2011, 4, 2774–2789
enhancement of ionic diffusion with lattice strain can also apply

to elastic strain zones around the dislocations. Taking advantage

of mechano-chemical coupling to induce such high conductivities

can also be technologically relevant for low-temperature SOFC

applications. This is yet another example of how structural

flexibility, here as elastic stretching, can enable more facile

oxygen transport. Systematic experimental and theoretical

investigation of the role of local strain states on tuning the

mechanism and magnitude of ionic conduction properties in

these solid state ionic materials is prone to pursuit of an exciting

and promising research and development path.
7. Conclusions and future outlook

Diffusion is a fundamental unit process that is highly important

in the field of solid state ionics. This perspective article has

highlighted the role of computational materials in predictively

investigating the oxygen transport mechanisms and energetics in

complex oxides as SOFC-relevant materials. The need for new

materials is driven by the requirement that cathode materials

operate efficiently (catalyze the oxygen reduction reaction) at

lower temperatures and electrolytes with better ionic conduc-

tivity, stability andmechanical properties. An approach based on

predictive simulations is necessary in accelerating the identifica-

tion or design of appropriate materials. In combination with
lied strain in Y2O3 stabilized ZrO2 (YSZ): (1) space along the migration

bour cations (O–C bond). The maximum relative enhancement in oxygen

ref. 38).

This journal is ª The Royal Society of Chemistry 2011
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validation and verification experiments, computational

approaches at the first principles and atomistic scales are

replacing empirical qualitative arguments in the discovery of new

materials in a rational and efficient way.

This article focused on recent results through direct atomic

scale insights on the oxygen ion conduction mechanisms and

properties in potential cathode and electrolyte materials for

SOFCs. The dependence of conduction path and ease is strongly

linked to the local atomic structures. Among the new classes of

materials, we reviewed layered perovskite-like oxides and struc-

tures with active polyhedra in enabling the oxygen transport. We

highlighted non-traditional conduction paths with structural and

transport anisotropy and lattice flexibility/dynamics, unlike the

conventional vacancy-driven ionic conduction in traditional

SOFC materials. As for the old materials, we showed that even

they can be ‘‘stretched’’ to exhibit much faster oxygen transport.

In flex-ing the old structures, cation–oxygen bond strengths can

be controlled through lattice strain to enable easier migration of

oxygen. This is a prime example ofmechano-chemical coupling in

complex oxides. As exemplified by the findings reviewed here, the

ever increasing power of atomic scale computational techniques

can be applied to probe the defect transport processes in SOFC

materials at scales and complexity not previously accessible. The

investigation of surfaces, interfaces and nanostructured materials

is bound to be important in the years to come.3 Nano-structured

or nano-porous materials, apart form their technological appli-

cation, will yield interesting diffusion phenomena as the strain

density of interfaces and limited diffusion lengths will come into

play.144
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